Abstract-We use the Thin Film X-ray Diffraction (TFXD) technique in conjunction with computer simulation methods to obtain detailed information on the structure of complex interfacial systems in metals. Results for three types of interfaces are presented. These are, a C 13 [OOl] terials are ubiquitous. The gross macroscopic properties of any material are strongly influenced by the properties of interfaces between grains of differing chemistry and orientation. Some such properties are diffusivity, conductivity, fracture strength, cohesion etc. This is true of virtually all materials in the condensed state, metals, ceramics, semiconductors, superconductors, even polymers. Furthermore, for most materials, all of the properties listed above, and many others, depend sensitively on the structure of the interfaces. A detailed knowledge, first of all, of the structure of interfaces (i.e. both atomic arrangement and chemical identity) and the subsequent correlation of this information with different properties is therefore of much importance. Experimentally, a variety of techniques exist by which the structure of interfaces may be determined. The most important of these are HRTEM [l] , X-ray diffraction [2, 31, field-ion microscopy [4] and Auger electron spectroscopy [5] . Of these, only the X-ray diffraction technique is capable, in principle, of providing both geometric and chemical information (in the form of site occupation probabilities) for interfaces. We shall therefore focus on the X-ray technique and use it in conjunction with computer simulation methods to obtain detailed information on the structure of both homophase and heterophase interfaces in metals.
Computer simulation techniques have been used with considerable success in the past in order to obtain detailed atomistic information on the structure of grain boundaries. While the validity of these calculations has been confirmed experimentally, with considerable sensitivity, for some of the simplest interfacial systems [3] , their applicability in the study of more complex interfacial systems remains to be established.
Our motivation here, then, is three-fold. First of all, we would like to use X-ray diffraction to study some of these complex interfacial systems and therefore obtain detailed information on the atomic structure of these systems. Secondly, we would like to compare structure factors obtained by X-ray diffraction with structure factors obtained from realistic simulations using, for example Embedded Atom Method (EAM) potentials [6]-the extent to which the calculations and the experiments agree will therefore serve as a strong indication of the validity of these techniques. (In many instances we find that due to the large number of parameters in a unit cell, i.e. atomic positions xj, yj, zj and site occupation probabilities pi, it is not possible to invert the experimentally observed diffraction intensities to obtain a 1008 I. MAJID et al.
unique atomic structure of the interface, in these cases we shall proceed by checking for consistency between experiments and calculations.)
Finally, we would like to point out that the use of the Thin Film X-ray Diffraction (TFXD) technique in obtaining the structures of fully equilibrated homophase and heterophase interfaces is a novel feature of this work, and to the best of our knowledge, this is one of the first such studies of a homogenized heterophase boundary. It is therefore hoped that the present work will serve as an anchor point in establishing the TFXD technique as a powerful tool in the study of both homophase and heterophase interfaces in materials.
In this work we focus on three different boundary types, these are: (a) a 22.6" [OOl] twist C 13 Au-Cu -10 at.% alloy homo-phase boundary as a model system for the study of segregation; (b) a 10.4", Z 26129 Au-I'd hetero-phase boundary; and finally (c) the 26.6" [OOl] twist C, 4/S interface in the Ag-Cu heterophase system. For each of the above systems we conduct both X-ray diffraction and computer simulation experiments that provide valuable insight into the nature of the atomic relations at the interface.
X-RAY DIFFRACTION TECHNIQUE
The details of the TFXD technique used in the present work follows closely that described in Refs [3, 7] . We therefore refer the interested reader to those publications for a more complete and thorough description of the technique. Here we simply mention that the X-ray experiments were performed at the NSLS in Brookhaven Laboratories, using beamlines X20 A and C. Depending on the interfacial system being studied, both 7.9 keV and 10 keV photons were used, by monochromating with double bounce Ge or Si. In particular it was necessary to use photons with energy below the CuK, edge in order to reduce background levels (due to fluorescence) for the Cu/Ag system. Au-Cu lOat.% Z 13 BOUNDARY While a fair amount of work has been done on the observation of dislocation structures in alloyed boundaries, with one exception [8] , virtually nothing is known experimentally about the detailed atomic structure of alloyed homophase boundaries. In particular, the effect of alloying/segregation on the detailed structure of such boundaries is completely unknown. Here we present results showing clearly how the impurity atoms give rise to a significant and measurable perturbation on the equilibrium structure of the pure boundary.
Sample preparation
Au-Cu alloy thin tilms were manufactured by coevaporating carefully measured amounts of Au and Cu from separate W boats, in a diffusion pumped bell jar system (base pressure lo-' torr) onto cleaved [OOI] NaCl substrates maintained at a temperature of 290°C. The samples were then homogenized in the bell jar for several hours at 4OO"C, before being cooled back to room temperature. Auger spectra taken from the surfaces of the freshly evaporated alloy films revealed the presence of oxygen peaks, due to oxidation of the Cu atoms upon exposure to atmosphere. The single crystal films, still on their NaCl substrates, were then mounted on a specially designed jig, which allowed the two substrates to be misoriented by a well defined angle, to an accuracy of about 0.5", without the two thin film surfaces being in contact. The jig was then mounted in a tubular hydrogen fumance in which the surface region of the single crystals was reduced by annealing in a pure hydrogen atmosphere at a temperature of -450°C for a period of 2-3 h. After the surfaces were thus reduced, the temperature in the furnace was lowered to -425°C and the two single crystal faces were brought into contact by an external push/pull feed-through mechanism which also allowed the application of a moderate pressure of -50 psi on the bicrystal sandwich [9] . The sandwiched thin film combination was then annealed at 425°C for -15-24 h. This annealing schedule was generally sufficient to produce a well bonded interface. For a number of samples an additional anneal in a vacuum furnace, at -4OO"C, for a couple of days, was performed in order to ensure complete homogeneity of the bicrystal alloy film. No systematic differences were found between the two sets of samples. In the sample preparation procedure it was deemed necessary to reduce the surfaces first, and then begin the bonding step in order to ensure that the reduction took place uniformly throughout the entire surface and that no remaining oxide would therefore be present at the interface. Such care is especially important in X-ray diffraction experiments where -mm2 of well formed grain boundary regions are necessary in order to give rise to measurable diffraction peaks.
Simulations
Computer simulations were performed on the Au-Cu lOat.% alloy using the EAM interactions, using the free energy minimization technique of Le Sar et al. [lo] . This particular technique was chosen since it is computationally very efficient, and has been thoroughly tested in alloy systems such as Au-Ag, Au-Pd, Cu-Ni [ll] . The details are thoroughly described in Refs [lo, 111 and we refer the reader to those publications. Here we note that the simulations were performed at a temperature of 400°C at constant pressure, with periodic border conditions in all three directions, the basic simulation cell consisted of a 2 x 2 C. 13 cell with a total of 2080 atoms. The free energy functional (with variables xi, yj, zj and pj) was minimized using a conjugate gradient method.
The reciprocal lattice associated with the Z 13 (BDL) [12] unit cell is shown in Fig. 1 . The strongest grain boundary reflections lie on the reciprocal O-lattice associated with a bulk lattice reflection, and these are shown thematically as the large solid circles clustered around a lattice reflection. Two aspects of this BDL deserve special attention. First of all we note that the "distance" from the lattice reflection to the corresponding O-reflection is proportional to the inverse of the dislocation spacing (_ I/@") at the interface. Furthe~ore, we note that when Cu is alloyed with Au a change in the bulk lattice parameter from the pure Au value (4.078 A) to that of the corresponding alloy will take place. Hence the bulk 200 lattice reflection for the alloy (x symbols) will extend further away in reciprocal space from the origin relative to the pure Au 200 lattice reflection (filled squares-this is indicated in Fig. 2 ). Correspondingly, the dislocation spacing will also change (due to the change in lattice parameter) and the reciprocal O-lattice reflection will extend a distance (m l/d~Y), in reciprocal space, away from the bulk lattice reflection for the alloy. An accurate location of the grain boundary peak position relative to the bulk lattice peak should therefore serve as a check on the compositional homogeneity of the samples and also serve to accurately determine the dislocation spacing. It is interesting to conjecture that one could use the peak position location as a measure of the extent of grain boundary segregation. This will be discussed more extensively in a future publication [13] .
Next we note that the distribution of intensities on the BDL is a sensitive function of the detailed atomic structure of the interface. This distribution of intensity is well known and has been extensively measured in a number of systems in the C 13 [OOlj twist boundary orientation [2, 3, 8] . In particular, for the pure Au structure this distribution of intensity is known very accurately. In order to determine if the alloying with Cu produces any significant change in structure of the boundary one needs to compare the intensity dist~bution in reciprocal space of pure Au with that of the Au-Q lOat.% alloy. Figure 3 shows, graphically, the structure factor squared for a number of strong reflections for the Au-Cu alloy, the corresponding pure Au values, and the values computed using the free energy ~nimization (FEM) technique. Clearly, large effects are observed due to the alloying with the Cu. Furthermore it is seen that the FEM technique predicts changes whose trends are in agreement with what is observed experimentally, however the precise ma~tudes are measured to be significantly larger than those predicted by calculations.
It appears that the calculations underestimate the effects of the alloying. Monte Carlo calculations are currently underway in our laboratory [13] to determine whether the differences between experiments and FEM calculations is a shortcoming of the energy minimization technique or has to do with the interaction potentials used in the present simulation.
From a structural point of view the effects due to the alloying are indicated in Fig. 4 . The structure shown corresponds to a x2 value of N 1.5 with atomic displacements indicated being magnified by a factor of 10. This corresponds to fuller rotational relaxations compared to that of the pure Au case, therefore implying the existence of somewhat more localized dislocations for the alloyed boundary. The (maximum) magnitude of this additional "displacement" is -0.06 A. This demonstrates very clearly the power of the X-ray technique and its sensitivity to interfacial atomic arrangements.
The FEM technique also provides site occupation probabilities at the interface for the six symmetrically inde~ndent sites in the C 13 boundary however in the present case the site occupation probabilities do not change by more than a factor of about two and this does not give rise to sufficiently large changes in the distribution of measurable intensity in reciprocal space. Hence we are unable, with the present set of measurements, to specify the site occupation probabilities for the six symmetrically independent sites in the C 13 boundary.
Little is known about the detailed structure of metal-metal heterophase interfaces. Hwang et al. [14] made observations on the dislocation structure of Au-Pd heterophase boundaries as a function of twist angle using TEM. In order to resolve individual dislocations they were necessarily restricted to low angle boundaries. They found, for example, that the dislocation spacing (d,) and line orientations (a) for very low angle boundaries obey the relationship first derived by Jesser and Kuhlmann-Wilsdo~ 
where a, and a, are the lattice parameters of crystal 1 and 2, and @ is the miso~entation angle between the two crystals.
Here we demonstrate how the thin film X-ray diffraction (TFXD) technique can be applied to extend the study of this problem to higher misorientation angles, and furthermore, upon comparison with atomistic calculations, also provide information on the validity of the calculations in these systems. 
Sample preparation {X-ray measurements/ calculations
Our sample preparation technique follows closely that of Refs [7, 131. Thin film single crystals of Au (on Ag) and Pd were deposited onto NaCl substrates in a high vacuum bell jar. Both films were then floated off onto water contained in petri dishes. The Au/Ag composite film was first floated onto a flat mica surface, taking care to minimize wrinkles on the gold film. The Pd film was then manipulated on top of this Au film at angles close to the required misorientation. The thin films were then allowed to dry after which they were given a brief anneal at -300°C for a few minutes in a vacuum furnace. This procedure was generally sufficient to form a well defined grain boundary between the two single crystals. Many such boundaries were made and the one with misorientation closest to 10.4" (Z 26/29) and sharpest bulk lattice reflections was chosen for subsequent examination by X-ray diffraction. The X-ray diffraction measurements were performed using both a rotating anode and the synchrotron source at NSLS/BNLs beamline X2OC using 8 keV photons. Further details of the technique are available in Ref. [7] .
The calculations were performed using the EAM potentials [6] for Au and Pd. All calculations were done at T = 0 K and at constant pressure, corresponding to a minimization of the potential energy of the system. Periodic border conditions were used in the plane of the interface and free Au and Pd surfaces terminated the simulation cell in the direction normal to it. The simulation cell sizes were chosen to correspond to a constrained coincidence site lattice with a maximum strain of l%, these details will be described in a future publication [13] . Figure 5 shows the reciprocal lattice (BDL) associated with the C 26129 Au-Pd interface.
Results
Measurements were only performed in the L = 0 plane for a Table 1 .
relatively small number of reflections since our purpose here was primarily to check the peak positions (and thereby obtain dislocation spacing and orientation information) and to map out semi-quantitatively the distribution of intensities clustered around the different lattice reflections. Experimental observations were conducted on the reflections indicated by the solid circles, the lattice reflections are indicated by the filled square and diamonds. The magnitudes of the measured and calculated intensities are qualitatively indicated in Table 1 (these are classified as strong-S, medium-M, medium weak-MW and weak-W), and the overall agreement is fair. A similar level of agreement is obtained between the measured and calculated absolute structure factors. Furthermore we observe that all the strong reflections are clustered around lattice reflections, in particular we note that reflections around the Au lattice reflec- tion are generally stronger than those around the Pd lattice reflections. Since it is by now well established that the strength of a satellite reflection is a good indication of the magnitudes of the interfacial relaxations in the corresponding lattice [ 161, it appears that the softer Au lattice exhibits larger relaxation effects than the Pd lattice (Au has a lower shear modulus than Pd). This is further verified by examining the detailed structure of the interface as obtained by molecular statics calculations. The precise peak positions of the interface satellite reflections are completely consistent with the predictions of the Jesser and Kuhlmann-Wilsdorff formulae (eqn (1)). We note however that the peaks are considerably broader than what is typical in pure homophase systems such as Au (and is therefore probably due to interdiffusion between the Au and Pd lattices). Additional calculations at larger misorientation angles are currently underway in our laboratory and preliminary results indicate that the dislocation spacing and line direction change according to eqn (1).
Ag/Cu HETEROPHASE BOUNDARY
We consider finally the AgiCu heterophase boundary system. One of the earliest studies in this system was that due to Liu and Balluffi [17] , who observed secondary grain boundary dislocations for the Z 415 orientation. However detailed experimental information on the primary dislocation structure is completely absent. Gao et al. [ 181 have studied the Ag/Ni [OOI ] twist system exhaustively and find evidence for a cusp (in the energy vs misorientation curve) at the special Z 4/5 orientation. Detailed quantitative information is however not available using their rotating sphere technique since one can only establish the existence (or absence) of relatively deep minima on this curve. Thus quantitative structural information in this system is still lacking, as is detailed validation of the simulation techniques used. Here we apply the thin film X-ray diffraction technique in conjunction with computer simulation techniques to obtain detailed information on the structure of the interface in this system.
Sample preparation /calculations
Thin film single crystals were deposited onto NaCl substrates as described previously. The bicrystals were bonded using the Schober-Balluffi technique [9] in a reducing hydrogen atmosphere as described before, at a temperature of 375°C for 15-20 hrs. This annealing schedule generally produced well bonded interfaces over a good fraction of the cross-sectional area (as determined by TEM). The bonded thin films were then floated off the NaCl substrates and mounted onto a thin Kapton film in order to conduct the X-ray diffraction experiments. The details of the procedure will be presented in a future publication.
The calculations were performed using the EAM potentials [6] for Ag and Cu and were performed at T = OK. The simulation cells chosen were large enough that the strain in the corresponding constrained CSL was generally less than l%, details on the implication of having a constrained cell on which to perform structure factor calculations will be presented in a future work (131. Periodic boundary conditions were employed in the plane of the interface and free surfaces terminated the cell in the normal direction. Both low and high angle boundaries were studied by X-ray diffraction and computer simulation, here we focus on the results for the x4/5 orientation. Figure 6 shows the reciprocal lattice associated with the C 4/S interface. The radius of the semi-circles is proportional to the intensity measured at the corresponding reciprocal lattice point. points, are denoted by large x s). We also note that the measurements made correspond to absolute structure factors whose value is a strong indication of the magnitudes of atomic relaxations [16] . It is clear that there is a good overall agreement between the experiments and the calculated structure factors with the exception of reflection (4, 1,O). For the Ag/Cu X 415 boundary it is possible to improve the fit to the data and refine the structure by minimizing a test statistic such as x2. In this model it is assumed that all the relaxation takes place in the Ag lattice, while the Cu atoms are assumed to remain in their unrelaxed positions. Upon structural refinement, a x2 value of -0.8 is obtained indicating good agreement between the experiments and the refined structure. Figure 7 shows the results of such a refinement, where we indicate: (a) the unrelaxed C 4/S structure; (b) the structure as predicted by the EAM calculations; and (c) the refined structure obtained from experimental observations. It is seen that the general magnitude and displacement of the atomic relaxations as predicted by the EAM calculations are in fair agreement with those obtained by the experiments. Some slight differences in the structure do however remain. Some additional comments need to be made with regard to the calculations presented herein. First of all it is clear that some solubility and therefore interdiffusion must exist between the two systems; while this is very small in the bulk at the temperatures of interest it is not clear that this is a negligible effect at the interface, in fact one might argue that whatever differences one observes between the experiments and the calculations (done at T = 0 K) could be arising from such higher solubility effects at the interface. We are therefore conducting Monte Carlo calculations for the C 4/5 system to provide detailed information on the effects of limited mutual solubility on the structure of the interface. Preliminary Monte Carlo calculations indicate that the calculated overall scale and general direction of relaxations do not change significantly.
Results
Additional calculations at other misorientations indicate that the magnitude of the relaxations are generally small while the directions conform to being of the mixed rotational and dilatational type. This is verified experimentally, for one low angle boundary, where virtually no measurable scattering was detected on the BDL, implying weak atomic relaxations. Hence in the Ag/Cu system the structure of the interface corresponds to relaxations that are generally small with erratic dependence on misorientation angle. The only exception to this rule being at the C 4/5 orientation where large relaxations take place at the interface. This is in striking contrast to the homophase interfaces that have been studied in the past [3] , where the structure (magnitude of atomic relaxations and directions) of the boundary changed continuously with misorientation angle starting with large displacements at low angle boundaries, corresponding to well separated, localized dislocations, then decreasing continuously to small displacements at high angle boundaries, with closely spaced, delocalized dislocations. The dependence of structure on misorientation for the two cases discussed above is contrasted in Fig. 8 . 
CONCLUSIONS
Thin film X-ray diffraction in conjunction with computer simulation techniques has been used extensively in the present work to study a variety of metal-metal interfaces to obtain detailed information on their structures. We have demonstrated how the technique may be used to obtain valuable information on the structure of complex interfacial systems.
We have obtained detailed information on the structure of alloyed interfaces, in particular for the Z 13 Au-Cu system a change in the structure of the interface, relative to that in pure Au, was observed and this was compared to structures obtained by computer simulation techniques. In this system we note that the dominant atomic relaxations correspond to rotational relaxations about O-lattice elements. Furthermore, the magnitudes of the relaxations are slightly larger than those in the pure Au boundary, corresponding to more localized dislocations. Computer simulation techniques predict trends that are in agreement with the experiments, while falling short of agreement with regard to the magnitudes of these effects. In particular we note that slight differences do exist between the results obtained by computer simulation techniques such as FEM and those obtained by experiments. We are presently conducting Monte Carlo calculations to determine the origin of these differences.
For the Z 26129 Au-Pd system we have data that, in effect, extends previous TEM work to higher angles indicating the validity of eqns (1) and (2). Experimentally measured structure factors also indicate consistency with computer simulation calcuations. Furthermore, for this boundary, it is found that the softer Au lattice exhibits larger atomic relaxations at the interface than the Pd lattice.
Lastly, for the Ag/Cu heterophase boundary, we have provided detailed structural information for the C 415 orientation both by experiments and calculations. We find that the experimental and calculated structures are quite similar. We further note that the magnitudes of the atomic relaxations for this orientation are quite large, in fact they are even larger than the magnitudes found in corresponding low angle heterophase boundaries (in striking contrast to the pattern of relaxation present in homophase boundaries). This is due to the absence of sufficiently well localized dislocations, at low misorientation angles. In Fig. 8 we contrast the structure of Ag/Cu heterophase boundaries with similarly misoriented pure twist boundaries in Au [3] . The maximum planar atomic displacements, at the interface, for different misorientation angles in both of these systems is shown. It is clear that the structure of the interface, as evidenced by the magnitudes of the atomic displacements, changes monotonically for the pure Au twist boundary.
For the Ag/Cu heterophase boundary, however, it is clear that the atomic relaxations are erratic and generally small, except at the Z 4/5 (26.6") orientation.
In the study of very limited solubility heterophase systems we therefore raise the following question. Is the simple dislocation model description of the structure of interfaces, so useful in the study of the pure homophase boundaries, a satisfactory or complete description of the structure of [OOl] Ag/Cu twist boundaries? The experiments described in this work, along with computer simulation studies seem to suggest that it is not.
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